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M echanical behavior at high temperature of highly oxygen- or hydrogen-enriched a and
(prior-) p phases of zirconium alloys

ABSTRACT: During a hypothetical loss-of-coolant accident @A), zirconium alloy fuel
claddings can be loaded by internal pressure apdsed to steam at high temperature (HT,
potentially up to 1200°C) until they are cooled avater quenched. A significant fraction of the
oxygen reacting with the cladding during oxidatairHT diffuses beneath the oxide through the
metallic substrate. This diffusion of oxygen indsi@eprogressive transformation of the metallic
Bz phase layer into an intermediate layeng{O) phase containing up to 7 wt.% of oxygen.
Furthermore, in some specific conditions, the diagdnay rapidly absorb a significant amount
of hydrogen during steam exposition at high temijpeea Then, hydrogen, aa-stabilizer,

would mainly diffuse and concentrate up to sevéfralisands of wt.ppm into the inrf&; phase
layer.

It is known that oxygen and hydrogen modify the atietgical and mechanical properties of
zirconium alloys but data are scarce for high cotsteespecially at HT. However, such data are
important basic components to improve the assegsshéime oxidized cladding mechanical
behavior and integrity during and after LOCA-likeetmal-mechanical transients. This study
intends to provide new and more comprehensiveaatae mechanical behavior at HT of the
az(O) and the (prior-Bz phases containing high contents of oxygen anddudr, respectively.
In this paper, the results of mechanical testsoperéd on model samples, produced fromeV5
and Zircaloy-4 cladding tubes, homogeneously clthig@xygen (up to about 6 wt.%) or
hydrogen (up to about 3000 wt.ppm) respectively,dascribed. The tests were performed at
various temperatures under vacuum between 800 E0@FC for the oxygen-enriched, phase
and in air between 700 and 20°C, after cooling fthep temperature domain, for the
hydrogen-enriched (priorfz: phase. Thez phase is substantially strengthened and embrittled
by oxygen. Power-law and nearly linear creep regiare observed for stress levels beyond and
below 15 MPa respectively. As confirmed by obseorabf fracture surfaces, the mode}(O)
material experiences a ductile-to-brittle transitad 1000-1100°C for oxygen contents between
3.4 and 4.3 wt.%. A model is developed to desdtieeviscoplastic behavior of the,(O) phase
and used to evaluate the contribution ofda€O) phase layer to the creep behavior of an
oxidized fuel cladding tube submitted to internadgsure at HT. Below 500°C, the model (prior-
) Bzr phase appears to be embrittled by hydrogen cantr2000-3000 wt.ppm, so that it
becomes macroscopically brittle at 135°C and bebowd, at 350-400°C, for average hydrogen
contents of about 2000 wt.ppm and 3000 wt.ppm eesgely. The effect of thousands wt.ppm
of hydrogen on ductility decreases with increasergperature and vanishes beyond 500°C.
When the behavior is macroscopically ductile, fh&of-) Bz phase containing between about
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1700 and 3200 wt.ppm of hydrogen has a higher fitvass than the material without hydrogen
at 500°C and a lower one at 700°C, respectivelyingts modulus and plastic isotropy of the
(prior-) Bz phase are not significantly modified by the preseof high hydrogen contents.

Keywords: Zircaloy-4, M%®, oxygen, hydrogen, LOCA, mechanical behavior, heghperature

Introduction

During a loss of coolant accident (LOCA) hypothatiscenario in a light water reactor (LWR),
fuel claddings made of zirconium alloys are loatlgdnternal pressure and exposed to steam at
high temperature (HT, up to 1200°C) before theyca@ed and water quenched. Oxygen
diffuses via anionic vacancies in the non-stoiclgtmo zirconia. At HT, a significant fraction of
the oxygen that reacts at the metal/oxide interéafeses through the metallic substrate via
interstitial sites (oxygen diffusion into the meghegligible at nominal operating temperatures,
i.e. below 400°C). When the solubility limit of oxygémthepz phase is reached, a metallic
layer of oxygen-stabilized;, phase, calledz(0O), grows between the oxide layer and fihe
phase layer [1][2][3]. There is a strong gradiehbxygen concentration through thg(O)

phase layer: the oxygen content is about 7 wt.#heainterface with the oxide layer and 2 wt.%
at the interface boundary wiffz;. For as-received materials and oxidation tempegatiower

than or equal to 1200°C, the oxygen solubilitytia iz, phase is lower than 0.6 wt.%. During
cooling, thefz phase layer transforms back intg and forms the so-called prifg: phase, with

a typical Widmanstatten or parallel-lath structorerphology [4].

The cladding submitted to internal pressure at keghperature may swell and burst at the
beginning of the LOCA transient. The quenchindhateénd of the transient induces internal
stresses, due to both differences between the gheoefficients of the different phases/layers
constituting the oxidized cladding material, phasassformations, and other possible
phenomena. These internal stresses, potentialbciassd with additional mechanical loadings,
can result in a brittle failure of the cladding eritis heavily oxidized and hydrided. When
analyzing the mechanical behaviour of the cladainigigh temperature, and during and after
guenching, both the effects of the oxygen and hyeincshould be taken into account.

On the one hand, the cladding mechanical respamsegda LOCA-like transient depends on
its degree of oxidation. In particular, tag(O) phase layer formed at HT can have strengthening
and embrittling effects [3][5][6] and a good knoatge of the mechanical properties of this phase
at HT is thus an important issue. However, moshefdata reported in the literature were
obtained for oxygen contents lower than 2 wt.%g[[9][10][11][12][13] or did not concern the
viscoplastic behavior at HT [7][14], so that thes@o data about the creep behavior of the
az(O) phase for oxygen content higher than 2 wt.%uatile-to-brittle transition can be drawn
from the data reported in the literature as a fonodf the oxygen content but this transition is
not known for HT and oxygen contents higher thavt.26.

On the second hand, during in-service operatidrgaion of the released hydrogen due to
corrosion by the water environment is absorbeckyctadding. The maximum end-of-life
hydrogen content expected for high burn-up claddrapout 600 wt.ppm for Zircaloy-4 [15]
and about 100 wt.ppm for MB[16]. A significant hydrogen uptake can also odousome
specific conditions during steam exposition at Higinperature. This can be for example the



case under high steam pressure (as expected durimgermediate break LOCA) for Zircaloy-4
and/or in post-breakaway oxidation conditions atgeratures typically lower than 1050°C.
However, the hydrogen pick-up observed under higars pressure remains limited for the
typical duration of a LOCA [17][18]. Furthermoragakaway oxidation does not occur for
oxidation times lower than at least one hour fodera nuclear fuel cladding alloys such as low-
tin Zircaloy-4 and M® [19][20][21][22], while the cladding is not expect to be exposed to
steam at HT during more than a quarter of an hating a LOCA.

“Semi-integral” LOCA tests have been performed imigle unirradiated or irradiated fuel
rods [23][24][25] or on a bundle of rods [26] torsilate the whole LOCA transient: heating,
ballooning and burst, high temperature oxidatiawling and final water quenching with or
without additional mechanical loading. These téstge shown that a fast and substantial
secondary hydriding can occur during HT steam exo®llowing the ballooning and burst
sequence: local hydrogen concentrations up to 3000Q-wt.ppm were measured in the vicinity
of burst opening after only a few tens of seconut¥en steam at HT. In that case, secondary
hydriding results from the oxidation of the cladglinner surface after steam has penetrated
through the burst opening into the gap betweeriublepellets and the inner cladding surface.
Then, local hydrogen uptake is induced by the tastiincrease in hydrogen partial pressure
inside the gap between the cladding and the peileén moving away from the burst opening,
due to steam starved conditions [27][28]. The tasilhydrogen distribution within the cladding
tube is heterogeneous, axially as well as azimiytf2®]. Due to its thermodynamic affinity to
the Bz phase, hydrogen diffuses and mainly concentrateghe innef; phase layer
[3][30][31]. It is well-established that the meclzal behavior of the cladding during and after
guenching strongly depends on the properties ofgher-) Bz phase layer.

Depending on the characteristics of the transfaitire during or after quenching can occur
at the burst location, where the cladding is thenst and its oxidation level is the highest, tor a
a few centimeters away from the burst location, nettiee cladding is thicker and less oxidized
but most heavily hydrided [26][32]. This illustratthe embrittlement effect of hydrogen. Several
studies addressed the effect of hydrogen on th&taase to quenching [25] and the post-quench
mechanical properties [3][24][33][34] of zirconiuatloys fuel claddings oxidized at HT. It was
shown that the effect of hydrogen results fromrdanrisic embrittlement mechanism [3] but also
from an increase, in the presence of hydrogemesolubility limit of oxygen in th@; phase
[35][36][37], leading to an additional embrittlentetue to higher oxygen content
[1][2][3][14][20]. However, most of these studiesctised on hydrogen contents lower than
1000 wt.ppm as the main purpose was to investiyateffect of pre-transient in-service
hydriding. To the authors’ knowledge, data on trechanical behavior of zirconium alloys
containing higher hydrogen contents and cooled firbir(two phasesoG+ z) andpz
domains) are very scarce and they are limited donrtemperature [33][38], while an important
effect of temperature is expected.

The first part of the present work deals with theep behavior and the failure mode at HT
(between 800 and 1100°C) of thg(O) phase containing more than 2 wt.% of oxygepa# of
the results has already been presented elsewlfréd[&odel is developed on the basis of these
data to describe the viscoplastic behavior ofoth@) phase. This model is then used with finite
element analysis to evaluate the effect ofdh&0) phase layer on the creep behavior of a fuel



cladding tube submitted to an internal pressuiéTatThe second part of the study focusses on
the mechanical behavior between 700 and 20°C, gleooling from thedz; phase domain, of
the (prior-)Bz phase and on the effect of high hydrogen contdiis.effect of oxygen on the
properties of the (priorf)z phase is not directly addressed in this papemalhthe published
elsewhere.

M echanical behavior of highly oxygen-enriched az, phase
Materials and experimental procedures

Sample preparation4a order to study the mechanical behavior ofdh€0) phase, model
oxygen-enrichedyz, phase samples were elaborated from fully reciyztadl M5 cladding
tubes from AREVA NP (nominal outer diameter andlwatkness of about 9.5 mm and 0.57
mm, respectively). The as-received chemical contjposof the material is given in Table 1. The
material initially contains 0.14 wt.% of oxygen deds than 5 wt.ppm of hydrogen. Oxygen
charging was performed in several steps. Firstiihe samples were oxidized in steam at
1100°C in the EDGAR facility [40] in order to inttace oxygen into the material, mainly under
the form of outer zirconia and intermediatg(O) phase layers. Oxidation durations at 1100°C
depend on the targeted oxygen contents. They waitaated by using oxidation kinetics
established from results previously obtained at (BR0][22][18][35]. The oxidized samples
were then annealed under secondary vacuum for B20&°C in order to fully homogenize the
oxygen concentration (by reduction of the oxide difidision of oxygen across the tube wall-
thickness). Modelz, phase samples with about 2 (10), 3.2 (16), 4.342d 5.8 (26) wt.%
(at.%) oxygen contents were elaborated. Homogeaeiymean contents of oxygen were
measured by Electron Probe Micro Analysis (EPMAMECA SX100 microprobe) with
typical accuracy of £2500 wt.ppm. The obtained meaygen contents almost cover the typical
range of oxygen contents observed indh€O) phase of claddings oxidized at HT.

TABLE 1—Nominal chemical composition (in wt.%) of the seadinaterials.

Material Sn Fe Cr Nb (@] Zr
M5® - 0.04 - 1.0 0.14 Bal.
Zircaloy-4 1.3 0.2 0.1 - 0.13 Bal.

Mechanical testing-Materials with such high oxygen contents are lerit low
temperature [14]. In order to avoid sample handiihgbom temperature and thus make it
possible to carry out mechanical testing at HT, 288 mm long oxidized specimens were
mounted on an electrical-mechanical tensile machittea radiation furnace operating under
secondary vacuum [41][42] then annealed and hompgeim-situ into the facility, before
decreasing the temperature (at a rate of a few) Yoisn to the various target creep
temperatures. The creep tests were then launchectigdiafter the homogenization stage without
going down to room temperature.

The temperature was monitored by using Pt/Pt-Rhtbeouples spot-welded at the surface
of the specimen. The temperature gradient alongpgbkeimen gauge length is about 10+5°C.
The sample gauge length was delimited by usingaymina rings cement-pasted onto the tube.



The axial elongation was measured during the tesising a contactless laser extensometer with
a spatial resolution of 1 pm.

The tube specimens were loaded in tension alongdkial direction. As done in [41],
several constant load levels were successivelyeapm each specimen. A steady-state true
strain rate was evaluated for each load level.dddao or very limited primary creep was
observed. The tests were performed at constanteiatyse between 800 and 1000°C for true
axial stresses ranging from 2 to 31 MPa. A teshitreasing, then decreasing load levels was
carried out to check that the loading history hasignificant effect on the subsequent creep
behavior.

Microstructure of the model materialsSamples having experienced creep testing were
observed at mid-gauge length. As illustrated in Eignd Fig. 2, the oxygen-enriched specimens
are mainly composed af,(O) grains, enriched in oxygen and depleted inimimband iron.
Regions of untransformeg; (or priorfz) phase, strongly enriched in niobium (up to 8 wt.%
and iron, and containing about 0.5+0.2 wt.% of atygare also observed locally (Fig. 2). The
volume fraction of this residufll,, phase is very low (less than 10%) for the lowegéstigated
test temperatures or the highest mean oxygen dsnieneaches about 10-15% beyond 1000°C
for the material containing 2 wt.% oxygen in avexraphis is in accordance with results of
thermodynamic equilibrium calculations carried with the Thermocalc software using the
Zircobase database [43] (Fig. 3). The residigaphase is expected to be present during the
creep tests at HT. The oxygen content is ratherdgeneous within the;(O) phase of model
samples (Fig. 2), with the exception of the ond\sii8 wt.% of oxygen in average. In this last
case, a residual oxygen content relative conceorgradient greater than 30% was measured
by EPMA within the cladding wall-thickness.

(b)

FIG. 1—Optical micrographs of transverse cross-sectionsciifep tested model,(O) samples containing in
average (a) 2 wt.% and (b) 4.3 wt.% of oxygen (ositeface on the left); DR: radial direction; DAulbe axis; DT:
circumferential direction.
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FIG. 2—Oxygen and niobium concentration profiles (EPMAYoas the thickness of mode},(O) samples
containing in average (a) 2 wt.% and (b) 4.3 wt.pPeoxygen.
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FIG. 3—Measured (EPMA) and calculated (Thermocalc + Zirasb)o,(O) phase volume fraction as a function of
oxygen content and temperature.

The resultant microstructure of the model mateteglends on the mean oxygen content (Fig.
1). In the material containing about 2 wt.% of ogggthenz(O) phase morphology is
characterized by coarse lamellae, mainly lying dawtie tube radial-circumferential plane.
These platelets have typical thickness and leragtging from 20 to 40 um and from 100 to
200 um, respectively. They are separated by amamiis network of residual niobium enriched
prior-fz phase and/or metastalfiig phase (in Zr-Nb alloys, due to the low thermafusivity of
niobium and to a lowed, transus temperature compared to Zircaloy typeg/alRy, can be
stabilized due to its enrichment in niobium and barffrozen” down to room temperature [44]).
For higher oxygen contenisz(O) grains are more equiaxed and larger (200¢s0Pand the
residual (prior-Bz phase is not percolated(O) grains are smaller at the cladding sample
surfaces. In the case of the material containiBgMg.% of oxygen, a thin residual oxide layer is
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observed at the surface and underlyingO) grains are partially columnar. Indeed, at Shicjn
oxygen content, the material is nearly saturateakirgen (the solubility limit is about 7 wt.%)
and the concentration gradient and the drivingd@e low, so that longer heat-treatments
would have been necessary to fully homogenize themal.

The crystallographic texture of the modgl(O) material containing a mean oxygen content
of 2 wt.% was investigated by electron backscaliffraction (EBSD) and neutron diffraction
(Léon Brillouin Laboratory, CEA Saclay). Typicallghbout 500 grains were analyzed by EBSD,
and around 10by neutron diffraction. The results obtained by tivo techniques, giving
respectively local and overall/average informatiang consistent with each other: the material
exhibits a strong texture with <c> axes mainly otéel perpendicularly to the tube axis (Fig. 4).
No preferential orientation of the <c> axes alamgtiube radial or hoop directions was
evidenced by EBSD analysis (due to the tubular ggignof the sample and to the measurement
procedure, radial and hoop directions could nadibenguished by neutron diffraction). Kearns
factors values (defined as the fraction of resolvashl poles aligned along a particular
macroscopic direction) of 0.41 and 0.44+0.05 aadeted along the tube axial and hoop
directions. This texture is comparable to that raesd by EBSD for a(O) layer formed
during the oxidation in steam at 1100°C of a@t3adding tube specimen (Kearns factors values
of 0.36 and 0.51 along the axial and hoop direstioespectively).

1010 1120 0001
r - o

DT

39
DT DT §3]
20
1.7
14
11

DR

(b)

FIG. 4—Pole figures {10.0}, {11.0} and {00.1} recalculatéat a modek(O) sample containing 2 wt.% of oxygen
in average: (a) surface analysis by EBSD, (b) vawamalysis by neutron diffraction; DR: radial ditém;
DT: circumferential direction.

Then, it can reasonably be considered that the med®) phase, elaborated by oxidation,
dissolution and homogenization, is reasonably sepretive of thez(O) phase observed in
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claddings oxidized at HT [45]. However, the smallume fraction of residudlz, phase has to
be taken into account for the interpretation ofteets results.

Viscoplastic behavior of the model materials

Viscoplastic flow-Results of axial tensile creep tests performedraperatures between 800
and 1100°C on modelk,(O) samples with 2 and 3.2 wt.% of oxygen in average shown in
Fig. 5. As illustrated further down, samples wittygen contents higher than 4 wt.% fail in a
brittle manner without significant strain. Two cpeegimes are observed. For stresses higher
than 15 MPa, whatever the temperature between 89QH0°C, the behavior follows a power-
law regime with a stress exponent vatuelose to 5. For lower stresses (lower than 10 M&a),
nearly linear flow regime is observed at 900, 1800 1100°C. These two creep regimes are
consistent with results reported at lower tempeestéor thenz, phase non-enriched in oxygen
[41]. As already discussed in [39], the resultsficonthat the oxygen-enrichad;,(O) material
has a significantly higher creep resistance tharaiireceived material without additional
oxygen. The creep resistance increases with inageése oxygen content. For example, the
creep strain rate of the,(O) phase containing 2 wt.% oxygen is' fithes slower that rate @f;
phase, and is expected to be 100-1000 times slinarrthat of the,, phase without oxygen
addition. This last phase is not stable at highptenature without oxygen addition but the results
presented in [41] has been extrapolated to higlhmpératures for comparison to the present
results. The creep rate is reduced by nearly arfd€t when the oxygen content is increased
from 2 to 2.9-3.4 wt.%.

By considering the present results for model oxygericheduz(O) phase (elaborated from
M5®) and the data reported in [41] for non-oxygenared Zr-1wt.%Nb-0.14wt.%0, the
viscoplastic strain rate of Zr-1wt.%Nb and its degence on the oxygen content can be fairly
well described by the following equation, alreadgd by several authors (see [10], [11] and
[12]):

= Aaxd -2 0" exl—
—Texg{ RT)O’ exp- BC,) (1)

where £ is the true strain ratey is the true stress in MP&, is the temperature in K, is the
oxygen content in wt.%R is the gas constant (8.314 J-th#{™), and A, Q, n and B are

material parameters. Adjusted values of model patars are given in Table 2 for each creep
regime. The values of activation enerQyare comparable to those reported for non-oxygen
enricheduz phase in Zr-1wt.%Nb-0.14wt.%0 [41]. The effecobalgen is weaker in the linear
creep regime than in the power-law creep regimelléstrated in Fig. 5, the model accurately
reproduces the behavior of the modg(O) phase. Nevertheless, as discussed furtheein th
forthcoming sections, the physical deformation na@i$m in the linear creep regime has not
been clearly identified. As a consequence, theopisstic flow law tuned for this creep regime
has to be considered from a phenomenological pbdinew only.



TABLE 2—Model parameters adjusted to describe each regifth® viscoplastic flow of the model oxygen-
enricheda, phase.

Strain .l 1
regime A(K.MPa's?) n  Q(kJ.mol) B
Linear 5.75-19 1 180 0.53
Power-law 4.80- 10 5 222 2.29
103 F 7 7
i Ry -
[ s/ / &
1044 : E _
3 o o
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FIG. 5—Strain rate as a function of stress: experimenthdn modet,(O) samples and predictions of the
viscoplastic flow model presented in this paper.

The predictions of this model are compared in Eitp those of models reported in the
literature. The calculations were done for a teapee of 1000°C and stress levels of 2 and
20 MPa, relative to the linear and power-law cresgpmes, respectively. For this purpose,
models from the literature were extrapolated upG00°C ([10], [41] and [47]), down to 2 MPa
([20], [12] and [47]) and up to 3.2 wt.% of oxyg€@mO], [12], [41] and [47])). Under a stress
level of 20 MPa, the strengthening effect of oxygeedicted by the model proposed in the
present paper = 229) is lower than those reported by Chow et al. fb2Zircaloy-4 (

B = 28) and Burton et al. [10] for Zircaloy-28 = 342). Oxygen contents and temperatures
investigated in [12] and [10] are lower than thotéhe present study. Thus, the lower value
obtained here foB may be due to a saturation of the strengthenifegedf oxygen for contents
higher than 1.5 wt.% or to a reduction of the gthaning effect with increasing temperature.
For a stress level of 2 MPa, the predictions ofptesent model deviate significantly from those
of models from the literature. This is due to thieaduction of a linear creep regime, observed
for the first time in a highly enriched materiddetunderlying physical mechanism of which still
being unknown.
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FIG. 6—Effect of oxygen on the creep strain rate at 1000A@er 2 and 20 MPa according the creep law deedop
for az(0) in the present study and the laws proposed by Buetal. [10] and Donaldson and Evans [47] for
Zircaloy-2, Kaddour et al. [41] and Chow et al. [ifdr Zircaloy-4 and Kaddour et al. [41] for M&.

Influence of microstructural featuresFre model oxygen-enriched material is mostly
constituted ofiz(O) phase, enriched in oxygen and depleted in niakand iron, with a
minority of Bz phase, depleted in oxygen and enriched in niolaindhiron. The residual fraction
(up to 15%) of untransformei}, phase is expected to have, on the one hand,ensujteffect
on the creep behavior of the model materials, dube lower creep resistance of figphase
compared to thez(O) phase. On the other hand, it is expected te hastrengthening effect due
to oxygen enrichment of the,(O) phase relatively to the mean oxygen concenptrafihese
effects were estimated for the model material aairtg 2 wt.% of oxygen in average, tested
above 1000°C, by using a homogenization approatthavi aylor assumption. The macroscopic

axial strain rateE and the axial strain rates @f,(O) andpz phases, respectively notéq o,
andé¢, , were assumed to be equal:

E = g”a(o) = gﬁzr (2)

The macroscopic axial stress, was assumed to depend on axial stressgs,,, and g,

within az(O) andBz phases, respectively, and on the volume fractfdheBz phase,f, :

z=(1- fs, Jio o)t 15,05, ()

The mechanical behavior of thg phase was described by the power-law model prapiose
[41] for Zr-1wt.%Nb-0.14wt.%0, modified to take snaccount the effect of enrichment in
niobium. Trego [46] has shown that an increasdabiom content from 1 to 2.25 wt.% reduces
by a factor of 0.5 the creep rate of fiiephase. Enrichment in niobium is larger in the pn¢s
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case. However, in the absence of additional datactor 0.5 has been applied to the strain rate
predicted by the model described in [41], so theBt, phase creep rate is probably slightly
overpredictedi.e. the softening effect of th&,, phase is overestimated. Parameters of the
power-law equation that describes the intrinsic maaical behavior of the(O) phase were

then adjusted by using an iterative process sahleatnacroscopic response of the model for the
homogenized material fits the experimental resaliteined for the modeiz(O) samples (which
include residuaBz phase). The results, reported in Table 3, showttigabehavior of the model
az(O) material is close to the intrinsic behaviottod a(O) phase: the strain rate is reduced by
less than a factor 2. The strengthening effeabodll enrichment in oxygen of tlg(O) phase in
the model material can be evaluated by using theehqaresented above (Eqg. (1) and Table 2).
According to predictions from this model, an inceThAC, of the oxygen content induces a

reduction by a factoexp(- 229[AC,) of the strain rate in the power-law creep regifite

results obtained for the oxygen contents indh€0) phase calculated with Thermocalc +
Zircobase are given in Table 3 for the model matevith a mean oxygen content of 2 wt.%. An
increase in the oxygen content by 0.25 wt.% leadsreduction of the creep rate of thgO)
phase by a factor 2. Thus the results show thatdaftening effect of the residugyd, phase and

the strengthening effect of the slight enrichmernxygen of theiz,(O) phase are relatively

small (they are negligible below 1000°C and affect factor 2 the strain rate at 1100°C) and
compensate each other in the high stress creemeedis a consequence, these effects were not
explicitly taken into account in the following. Qrthe values of the creep model parameters
directly tuned on the basis of the data obtainethermodel oxygen-enriched materials (Table 2)
were used.

TABLE 3—Estimated effects of residug}, phase on the enrichment in oxygen of ¢h€O) phase, and on the
creep rate (multiplying factors) of the modegl(O) material with a mean oxygen content of 2 wt. %.

Temperature (°C) 800 900 1000 1100
Bz phase fraction <0.05 0.1 0.15
Oxygen content inz(0) 2-2.08 217 2.26
. Linear <11 1.1 1.2
Softening due t@z, phase Power-law <13 1.9 1.9
Strengthening due to enrichment Power-law <12 15 18

in oxygen in theu,,(O) phase

Creep mechanisms in the linear reginmigeyond 1000°C and for low stress levels
(< 10 MPa), a nearly linear creep regime is obsemehe model material containing 2 wt.% of
oxygen. In thexz phase non-enriched in oxygen tested at lower tesyres, this linear regime
is associated with a Coble type diffusion creeplmacsm (diffusional flow along grain
boundaries) [49]. However the grain size in thegetyenriched material is significantly larger
(about 6.75-10unt) than that of starting, non-enriched material (gt pnt) and the linear
creep regime may thus result from another physisabplastic flow mechanism. This cannot be
clearly identified on the basis of available d&tavertheless, a first qualitative analysis can be
made in order to try to evaluate which among thbaxa-Herring (bulk diffusional flow) [50],
Coble and Harper-Dorn (probably dislocation coféudion controlled) [51] creep mechanisms
might significantly contribute to this flow regime.
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In a first step, the effect of oxygen on these rma@dms was not taken into account. For
dislocation and Coble regimes, viscoplastic flowdels reported by Kaddour et al. [41] and
Trego [46] were used. A grain size dependence airtol that identified in [46] was added for
the Coble regime to the model described in [41}.tRe Harper-Dorn and Nabarro-Herring
creep regimes, no data are available for Zircalay-¥5®, so that the models respectively
proposed by Fiala and Cadek [52] and Prasad g3jlfor pure zirconium were used. These last
two laws probably overpredict the creep rate afaitum alloys due to the expected effects of
alloying elements. As shown in Fig. 7, at 700°Cemtl MPa, the Coble type regime prevails for
grain size around 6 pum, in accordance with experial@bservations. The Harper-Dorn creep
predominates for grain size larger than 30-60 uthil0®0°C, the laws were extrapolated since
theaz, phase does not exist at this temperature withoportant addition of oxygen. According
to this extrapolation, the Nabarro-Herring creepuldgrevail for grain sizes between 10-50 and
200um. This suggests that this is the main mechanistimeirmodel material containing 2 wt.%
of oxygen, which has an equivalent grain size oual®0um. However, the creep rates
predicted by the Nabarro-Herring and Coble typegpgiaws are close to each other. The
estimated contribution from the Harper-Dorn meckamis the lowest at 1000°C. Thus, the
Harper-Dorn mechanism is probably not the mechanésponsible for linear creep of the model
oxygen-enriched material.

Theaz(O) phase in the model material with 2 wt.% of cely@ppears as parallel platelets
with typical approximate dimensions of 30x150x1&@. The shorter dimension af;(O)
platelets is parallel to the cladding axis, whiglthe tensile loading direction in the presenttest
According to Nix’s analysis [48], assimilating teain to a parallelepiped, the creep rate when it
is controlled by a Coble mechanism would be 2.&siifaster in a typicailz(O) platelet than in
a microstructure of cube-shaped grains of the sasiugne. The contribution of the Nabarro-
Herring mechanism would not be significantly afeetby the morphology afz(O) grains. It is
important to note that this analysis is approximatine present case, since the description of
microstructure is very simplified. In the actualteraal, grain boundaries might not be perfect
sources or sinks for vacancies contrary to whassaimed in Nix’s model, and the actual grain
distribution and the potential connectionogf(O) platelets are not taken into account. However,
these simple estimates suggest that the microstauof the model material with 2 wt.% of
oxygen could be more sensitive to Coble creep théabarro-Herring creep in the temperature
and strain rate range considered in this study.

In a second step, potential effects of oxygen weresidered. It is known that oxygen has an
exponential strengthening effect on the dislocatieep but to the authors’ knowledge there is
no data on the influence of oxygen for diffusior &tarper-Dorn mechanisms. Oxygen addition
should have an important effect on the Harper-oeep mechanism since this mechanism also
involves dislocations, as in power-law creep regifad]. As a consequence, it is unlikely that
the Harper-Dorn mechanism prevails in the lineaeprregime. It can be imagined that oxygen
interstitial atoms could have an effect on theudiibn mechanisms via their effect on the
diffusion of zirconium, as observed for exampleifon in zirconium [55]. No significant
oxygen segregation was observed by EPMA in the modgen-enriched materials but the
spatial resolution was not sufficient to addressrgboundary segregation. Another difficulty in
the present case, implying oxygen concentratiogsdrithan 10 at.%, is that the interactions
between oxygen atoms probably play a role on tfiesiibn mechanisms.
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To conclude, with the current knowledge it appearse difficult to identify the mechanism
that drives the low-stress linear creep regimexgfen-enriched material at HT. It is possible
that the diffusion Nabarro-Herring or Coble typeepw mechanisms dominate in spite of the
relatively large grain size. A way to rank NabakHerring, Coble and Harper-Dorn mechanisms
would be to carry out tests on materials with #&e oxygen content but various grain sizes.
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FIG. 7—Strain rate as a function of the grain size in aimium and its alloys according to creep models eisdéed
with diffusional flow (Coble, Nabarro-Herring), digation-driven and Harper-Dorn deformation mechams at
700°C.

Fracture of the model materials

Macroscopic ductility—Fhe maximal axial strain values measured duringattial tensile
creep tests are reported in Fig. 8. These valemaer bounds of the actual strain values at
failure. Indeed, most of the time, the alumina sitigat delimit the sample gauge length fell
when the axial strain reaches 4 to 10 %, so tleaséimple continues to deform until fracture but
with no axial strain monitoring. From Fig. 8, model(O) materials with oxygen contents
between 2 and 3.2 wt.% are ductile between 800L400°C: axial strain levels higher than 10%
or even 20% are reached without failure. Samplés exygen contents higher than 4 wt.%
failed in a brittle manner, for very low strain &g, even at 1100°C. A ductile-to-brittle
transition is thus highlighted at 1000-1100°C faygen contents between 3.4 and 4.3 wt.%.
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FIG. 8—FEvolution of the maximal measured axial strain @owound of fracture strain) as a function of the/gen
content and test temperature of g O) samples tested under tensile creep.

Microscopic fracture modesFhe observation by Scanning Electron MicroscopyM¥yBf
the fracture surfaces of creep specimens with 23ahavt.% of oxygen shows that the fracture
mode is not the same at the outer periphery artdmwile rest of the sample (Fig. 9). This
highlights an effect of the oxidation then homogatibn processing route used to elaborate the
model materials: the mechanical behavior ofdh)€0) phase is different in regions where the
oxide and the:iz(O) phase were located after oxidation and in megjiwhere thez(O) phase
was formed during the reduction/diffusion heattiment, whereas the microstructure (chemical
partitioning, texture and grain morphology) of thaterial in these regions could not be
differentiated from that of the rest of the cladgithis difference may be due to the existence of
finer and disoriented subgrains linked to the stmecof the parent oxide phase layer, to a short-
range ordering for particular oxygen concentratamges and/or to defects (cavities,
microcracks, ...) resulting from the transformatiassociated with a significant volume
decrease (about 50%), of zirconian@(O).

At the outer periphery of the samples, the macnaisdoacture surface is nearly perpendicular
to the loading direction and suggests a nearlyi®failure mode. A network of steps, oriented
along a reduced number of directions, is evidemcethe surface of these outer cracks. These
steps could be due to slip along the cleavageidingl planes of the crystals. With the exception
of the sample outer periphery, an important redactn thickness, up to almost 100% at the
failure location, is measured for samples with @ @ wt.% of oxygen. Large (> 20 um)
elliptical dimples are also observed locally on fifaeture surfaces. The observation of a
longitudinal cross-section of a sample containingt 26 of oxygen fractured at 900°C revealed
that theoz(O) phase can withstand high strain levels. Duéstmuch lower oxygen content, the
(prior-) Bz phase, which forms a nearly continuous netwoitkémodel material enriched to
2 wt.% of oxygen, has probably an influence onistsacommodation and strain incompatibility
betweeruz(O) platelets, leading to a higher macroscopicitityctSteps similar to those
observed in the nearly brittle outer zones aregmiesn the sides and at bottom of dimples (Fig.
9(a)). The presence of these steps on the siddimpfes suggests that they are slip steps rather
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than cleavage steps. Steps form angles of 90 abftj itRaccordance with slip planes of the
phase hexagonal structure.

(@)

Inner periphery

(b)

FIG. 9—SEM micrographs of the fracture surfaces:g{O) samples containing (a) 2 wt.% of oxygen (rightfegu
enlarged view inside a dimple) and (b) 3.4 wt.%xfgen (right figure: enlarged view on a nearlyttdei zone)
fractured at 1000°C; DR: radial direction; DA: tuksis; DT: circumferential direction.

Model materials with 4.3 and 5.8 wt.% of oxygeniexkd a purely brittle behavior above
1000°C. For 4.3 wt.% of oxygen, grains were vergree and fracture was mainly intergranular
(Fig. 10(a)). A 50-pm-thick layer ofz(O) phase (confirmed by EPMA) with an atypical
columnar morphology was observed at the sample petghery. This further suggests that the
initial microstructure of the oxidized material wast completely “erased” during the
reduction/diffusion heat treatment under vacuurmigth temperature, so that a fraction of the
az(O) phase formed at the initial location of theopioxide layer would have kept a columnar
(sub)structure morphology. This microstructuralantance has still to be characterized. It is
thus difficult to evaluate the particular role big layer with a specific microstructure on the
overall cladding fracture mode. In the materialwbt8 wt.% of oxygen, fracture occurs mainly
by cleavage and river patterns are observed ofrabeire surface (Fig. 10(b)). In some regions
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with a flat and smooth appearance, it is not ordagther failure is intergranular or due to
cleavage in a coarse grain. A thin residual colurairaonia layer, showing an intergranular
failure mode, is observed at the cladding outeippery. The mixed cleavage and intergranular
fracture mode observed at high temperature whemtterial is completely brittle (oxygen
content higher than 4.3 wt.%) is consistent witn fitacture modes reported for example by
Garde et al. [56] for Zircaloy-4 with 2.3 wt.% afymen tested at 850°C.

Columnar ay,(0)
Columnar a,,(O)

Inner periphery

(b)

FIG. 10—SEM micrographs of the fracture surfaces of (apa(O) sample containing 3.4 wt.% of oxygen
fractured at 1100°C (right image: detailed view @f(O) on the tube external periphery) and (b)sa{O) sample
containing 5.8 wt.% of oxygen fractured at 1000fight image: enlarged view of residual zirconia lnit the
az(0) layer).

Modeling of the creep behavior at high temperatfran oxidized cladding

Model description- order to understand the strengthening effecixalation on the creep
behavior of fuel cladding at high temperature, aleidoased on the finite element method was

16



implemented into the finite element code Cast3Mettgyed at CEA The purpose was to
calculate the mechanical response of an oxidizadidohg submitted to internal pressure creep at
high temperature (1000 and 1100°C) and to compareredictions to the results of tests
performed in a steam environment in the EDGAR ifigcj#i0] on Zircaloy-4 and M& cladding
specimens.

The oxidized cladding was represented as a stdfifiaterial including three layers in the
case of a one-side oxidation from the outer surfaoeuter oxide layer, ar,(O) phase layer
and an innefz phase layer. In a first approach, mechanical pt@sewere assumed to be
isotropic, growth of the oxide ang,(O) phase layers was not simulated so that calonkat
were done for predetermined constant layers thede® damage or cracking were not
simulated, the various layers were supposed telegily adherent and separated by flat
interfaces, and oxidation-induced internal stresesmal strains and strains due to phase
transformations as well as oxide growth or oxygegress into the metal were not considered.
The results presented in the present paper hawenstiat theuz(O) phase is brittle at high
temperature when its oxygen content exceeds abot®4. Thus it can be reasonably expected
that in an oxidized cladding, the part of the(O) phase layer that contains the highest oxygen
content cracks at the very beginning of loadingrdya creep tensile test at high temperature. It
was difficult to say fronpost-mortenobservations of tested specimens whether the deyee
fails in a brittle manner at the beginning of thsttor not. Three configurations were thus
considered in the simulations:

» two layers Bz + 0z(0).-4): theaz(O) phase layer was considered in addition tthe

phase layer but only that part where the oxygenerdwas lower than 4 wt.%;

* two layers Bz + az(0)2.7): theBz phase layer and the whalg(O) phase layer were

considered;

« three layersfiz; + 0z/(0)..7 + Zr0,): the wholeBz phasenz(O) phase and oxide layers

were taken into account.

The simulations were performed in 3D although tbeyld have been carried out in 2D. A
small portion (0.02° sector with a height of 2 pehjhe cladding was meshed by using quadratic
brick elements with full integration. The size ajahe tube radial direction of the elements
within theaz(O) and oxide layers was 1 or 2 um according tothérethe thickness of the layers
was lower than 10 um or not. A varying mesh densdg defined for th@z phase layer: the
element thickness was similar to the one used®u£(O) layer next to this last layer and was
larger (20 pm) near the inner tube surface. Thekti@sses of the oxide ang(O) phase layers
were evaluated from growth kinetics determinedrentasis of data obtained at CEA on
samples oxidized in steam at high temperature }[B5]. The oxygen content distribution
throughout the oxidized cladding was representemtogducing an oxygen concentration field
defined at Gauss points. A linear oxygen conceotragradient was defined across thgO)
phase layer (from 2 wt.% at the interface with fadayer to 4 or 7 wt.% at the opposite surface,
according to the selected configuration). Arbitrdoyt reasonable oxygen contents were defined
for the Bz phase and the oxide, as the oxygen content dadwe a significant effect on the
mechanical behavior of the first one and is nofulge describe the behavior of the second one.

® http://www-cast3m.cea.fr/
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Standard symmetry conditions were applied to treeamf the upper, lower and lateral
surfaces. From a preliminary study of specimengestdd to internal pressure creep, zero
displacement imposed along the tube axial directias representative of the mechanical
response of an isotropic cladding material subuhittea closed-end internal pressurization test.
An internal pressure, updated at each time-stepdar to account for the deformed geometry,
was applied to the tube inner surface. The calicmatwere performed by using an updated
Lagrangian method. A variable time-step betweera@d 200s was used for the investigated
range of creep rates (¥10°® s%). It was checked that the mesh sizes and thesteys used
were small enough to guarantee that the results m&rsignificantly affected by the spatial and
temporal discretization.

The total strain was additively decomposed intgtedaand viscoplastic strains (the stress
threshold value between elastic and viscoplasgiores was set to zero). Elastic strains were
calculated via a isotropic Hooke’s law with Youngwdulus values of 44 GPa ff# and
az(O) phases and 200 GPa for zirconia, and a Poissatio value of 0.3 for all the phases. By
assuming that linear and power-law creep regimegisbalthough one or the other dominates
depending on the condition, the viscoplastic strate tensor was defined as the sum of the
viscoplastic strain rate tensors correspondingatih @f the two creep regimes. Each viscoplastic
strain rate tensor was obtained by assuming thealdy rule. It was considered that the two
viscoplastic strain rates were associated wittstimee flow direction. Although the material was
anisotropic and textured, a von Mises equivalaessstwas used. The plastic multipliers were
given for each regime by the viscoplastic flow gres in the form of Eq. (1). The viscoplastic
behavior of thedz phase was described by the flow equation propwsgt] for Zircaloy-4 and
by those presented in [41] and [46] for &5The flow equation described in the present paper
(Eq. (1) and Table 2) was used to describe the enxyglppendent viscoplastic behavior of the
az(O) phase. The viscoplastic behavior of the ox&det was not known at high temperature. In
a first approach, the viscoplastic behavior ofdkile was described by a power-law equation
tuned on the basis of results of creep compredsgin performed at high temperature on a bulk,
industrial doped monoclinic and tetragonal zircdbig|[58][59]; the following adjusted values
were found for parameters in Eq. (&)= 5.08- 16°K.MPa".s*, n = 1.52,Q = 500 kJ.mot,

B = 0. According to these data, the creep raterabnia for a given stress is within the range of
the rates expected for thg(O) phase, which contains 2 to 7 wt.% of oxygerisTéw provides
certainly a very rough representation of the betrawi the oxide layer of interest here, whose
chemical composition and microstructure are veffgdint from those of industrial doped
zirconia.

Results and discussiomAs-shown in Fig. 11, theB{, + az(0).-4) model significantly
underestimates (by a factor 100 to 1000) the glaedaction in strain rate observed during
internal pressure creep tests performed under stéaigh temperature. The experimental
results are fairly well reproduced by tipe.(+ 0z(O)..7) model. The supplementary
strengthening brought by the addition of the oXa&der (Bz + 0z(0),-7 + ZrO,) model) is
limited (factor 2 on the creep rate). In that cdise,creep resistance of the cladding is slightly
overpredicted. The conclusions are similar fotta other conditions tested, for Zircaloy-4 and
M5® claddings and creep temperatures of 1000 and C100fis suggesta posteriorithat the
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az(O) phases formed in Zircaloy-4 and &Bave comparable microstructures and mechanical
behaviors.

The deformation mechanism associated with the lioesep regime of the,(O) phase was
not clearly identified and it was not possible &tetmine whether it is sensitive to the grain size
or not. As a consequence, the flow equation praptseescribe the viscoplastic behavior of the
az(O) phase does not account for an eventual graeneffect. In order to evaluate the impact of
this assumption on the results, the creep lawe@tf{O) phase in the linear regime was
modified by adding a cubic dependence on the griam (Coble type diffusion creep). A
reference grain size of 66 pm was chosen in aconoedaith the analysis made above. A grain
size equal to the thickness of hg(O) layer (2-70 um) is considered. The resultsiabthwith
the Bz + az(O).-7) model are only slightly modified by the introdiact of this grain size
dependence, which therefore does not question #ue conclusions of this study.

The calculations show that it is necessary to dmnghat theiz(O) phase is not cracked,
even partially, to correctly predict the mechanloathavior of the oxidized cladding. This is in
contradiction with fractographic results from thegent study. This mechanical strength is all
the more surprising as simulations predict higasstievels (up to about 200 MPa) in the outer
part of thenz(O) layer in oxidized claddings submitted to créegis. This discrepancy could be
due, for instance, to the following effects, whigare not taken into account in the simulations:
internal stresses generated by the oxidation, &g of theaz(O) and zirconia mechanical
properties and/or interaction between oxidation\dadoplastic deformation.
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FIG. 11—Evolution of the creep strain rate during an intakrpressure creep test performed on a Zircaloy-4
cladding specimen in steam at 1100°C with a 5 b&grnal pressure: experimental result, predictidrtlte creep
model presented in [41] for a non-oxidized claddamyd results of finite element simulations consitgtwo or

three layers.
Partial conclusion

The mechanical behavior of thg(O) phase at HT was investigated through axialieecseep
tests performed under vacuum between 800 and 1100%Godel materials, elaborated from
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M5® cladding, homogeneously enriched in oxygen abuarcontents between 2 and 5.8 wt.%.

It was shown that the,, phase is significantly strengthened and embritthzdxygen. Two

creep regimes were observed depending on stresls @&eep and failure mechanisms have been
discussed. A ductile-to-brittle transition was atvee at 1000-1100°C for oxygen contents
between 3.4 and 4.3 wt.%. The contribution ofdh€0) phase layer to the creep behavior of an
oxidized fuel cladding tube submitted to internadgsure at HT was evaluated by finite element
analysis.

M echanical behavior of the highly hydrogen-enriched (prior-) gz phase
Materials and experimental procedures

Sample preparation+a order to study the effect of high hydrogen catggup to about
3200 wt.ppm) on the mechanical properties of th®(y) Bz phase, model hydrogen-enriched
samples were produced from as-received stress«eli@nnealed low tin Zircaloy-4 cladding
tubes (outer diameter and thickness of about 9.5amidn0.57 mm, respectively) supplied by
AREVA NP. The as-received material chemical comjpmsiis given in Table 1. The material
initially contains about 0.13 wt.% of oxygen andde¢han 5 wt.ppm of hydrogen. 60-mm-long
cladding tube samples were charged in hydrogerabgaus charging at 800°C in a furnace in a
flowing mixture of argon and hydrogen and were tbeoled down to room temperature at a rate
of a few °C/min.

The hydrogen content was measured for each samypisitig an inert gas fusion thermal
conductivity technique (various analyzers were us#0RIBA EMGA-821, HORIBA EMGA-
921, LECO RH404). Hydrogen content measurements @aiep performed on a selected number
of samples by differential scanning calorimetrycraielastic recoil detection analysis (U-ERDA)
(CEA Saclay, DSM, IRAMIS, SIS2M, LEEL) [30][31] anteutron radiography (CEA Saclay,
DEN, DRSN, SERQOS). The relative uncertainty on bgeén content measurement is estimated
to be about +15% for the highest hydrogen contenesstigated here. The measured hydrogen
contents range from about 1700 to 3200 wt. pprvak checked that homogeneity of hydrogen
content within the samples is satisfactory forghesent application. Infrared absorption
analyses (LECO TC500 analyzer) have shown thaghtsixygen uptake of about
0.07+0.02 wt.% occurs during the hydrogen chargjiegtment, so that hydrogen-charged
samples contain about 0.21+0.01 wt.% of oxygenvamnage, instead of 0.13 wt.% in the as-
received material.

Microstructure of the model materials right afterdnogen charging-Fhe purpose of this
part of the study was to characterize the propedfg¢hep, phase. As a consequence, a heat-
treatment in th@,, phase domain has been applied to the samples beémnteanical testing.
However, it is interesting to briefly discuss thelition of the material during hydrogen
charging by looking at the material microstructright after hydrogen charging. Observations
by optical microscopy and SEM and chemical micrabgsis by EPMA performed on a selected
number of samples did not evidence any oxide layewever, thin layers afz(O) phase
enriched in oxygen were observed at the samplaaesf in accordance with the above
mentioned slight oxygen uptake.
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The material microstructure right after hydrogemuging depends on the mean hydrogen
content. At 800°C, the as-received material ih@vt, phase. During hydrogen-charging at
800°C, once the hydrogen content is high enoughptimarya,, phase progressively
transforms into th@z phase due to the effect of hydrogen on the phassformation
temperatures. For hydrogen contents of 2000 an@ @@@pm, the material is expected to have
fully transformed int@z, phase at 800°C. As illustrated in Fig. 12, atlibginning of cooling,
above the eutectoid temperature (about 550°C [#33)3z- phase progressively transforms into
proeutectoidiz, phase. The eutectoid reaction then leads to aréastformation of the residual
Bzrgrains intooz, grains. As a consequence, the material right aftdrogen-charging at 800°C
up to about 2000 and 3000 wt.ppm is constituteal mixture of proeutectoid;, phase andz;
phase that appeared below the eutectoid temper@nmesponding respectively to the lightest
and darkest regions in Fig. 12(a)). As a resuétlement partitioning, the first one is enriched in
az-stabilizers (oxygen in particular) and deplete@znstabilizers (hydrogen in particular) and
the second one is depleteduin-stabilizers and enriched fiz-stabilizers. As exemplified in Fig.
12, according to thermodynamic calculations pertmwith the Thermocalc software using the
Zircobase database [43], thg phase volume fractions just before the eutectaidsfiormation
(at equilibrium) are about 45 and 65% for the maltgicontaining respectively 2000 and
3000 wt.ppm of hydrogen in average. This is in adance with the microstructures observed
right after hydrogen-charging.

100 10
90 | 9
< BZr
- 80 8
=3
S 70 —ay 7
S ¥ommmmmm oo X - - =% - - =X~
8 60 ~64% 6
o 50 5
< -
t 40 | < Oz, 1 4
b O © O----0
£ 30 X, {3
20 %, 2
5 . X
10 Zr(Fe,Cr), — 1
| L AN AN [AY \ . S
0 0

0 100 200 300 400 500 600 700 800
Temperature (°C)

(@) (b)

FIG. 12—a) Optical micrograph of a transverse cross-sattiight after hydrogen-charging at 800°C (and cogli
at a few °C/min) of a Zircaloy-4 sample containadgput 3200 wt.ppm of hydrogen (and about 0.2 wi.%xggen)
and (b) calculated (Thermocalc + Zircobase) evauntiof equilibrium phases volume fractions for Zioga4
containing 3000 wt.ppm of hydrogen (and 0.14 wtf%xygen) as a function of temperature.

Mechanical testing-Yniaxial tensile test specimens with a gauge leng§® mm and a gauge
width of 2 mm (Fig. 13) were fabricated from thadding tubes, hydrided or not. For each
specimen, oxygen and hydrogen contents were mehsegpectively by infrared absorption
(LECO TC500 analyzer) and thermal conductivity (L ECC500 and HORIBA EMGA-921
analyzers) from the offcuts on both sides of theggdength.
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The specimens were mounted on an electrical-mechiaensile machine with a radiation
furnace. They were then quickly heat-treated inBthéemperature domain (heating at about
15°C/s up to 800°C then about 3°C/s up to approtaind 200°C) into the facility and almost
directly cooled i¢e. holding of only a few tens of seconds at HT) aftnae by turning off the
power to the furnacdown to the target temperature for the tensile wisich was then directly
launched. The cooling rate is about 5°C/s betw@89IC and 700°C, 1°C/s around 500°C and
lower than 1°C/s below. The tests were performezhiugmoling from thgz, temperature domain
and not after cooling and reheating to the tesptrature to guarantee that the microstructure
and thus the mechanical behavior of the mater@atepresentative of those of the (prigz)
phase during cooling and quenching at the endLd@@A-type transient. Temperatures of
tensile tests between 700 and 20°C were investigditee temperature was monitored by using
three Pt/Pt-Rh thermocouples spot-welded at thlasaiof the specimen holding device. A
thermal benchmark was performed beforehand tdhedemperature monitoring by comparison
to the targeted test temperatures. The tempergtadéent along the specimen gauge length and
the temperature uncertainty and variation durirggtésts were expected to be lower than 10°C,
respectively. The tests were performed in air s @hthin oxide layer (thickness of about 5-10
pm) grows during heating at the specimen surfatesder to prevent hydrogen desorption. A
thin az(O) layer (thickness of about 5-10 pm) also forrhedeath the oxide layer and a limited
amount of oxygen could have diffused into fagphase. The effect on the results of this slight
oxidation is discussed later in the paper. Thestestre performed with a constant displacement
rate of 0.8 mm:§so that the mean strain rate was about 6.Byg applying this relatively fast
strain rate, metallurgical evolutions and oxidatodrthe material during the test were minimized.
This loading rate is expected to be faster thamates at which the cladding can be submitted
during a LOCA transient.

In order to characterize the Young’s modulus aredpd strain anisotropy, axial elongation
and width reduction of the specimen gauge part werasured during the experiments before
necking by using a 2D digital image correlatiornt@que (optical method that provides local
displacement and strain fields on the surface @bitserved object by comparing digital images
of a reference and a deformed configuration). Tatéepns that offer the local contrast required
for the identification of homologous points werdaihed by marking the outer surface of the
specimen gauge part with a titanium dioxide baskienluid. The surface to analyze was
illuminated in white light and observed by an ogticamera with an image rate of 250 images
per second. The VIC-2D™oftware was used for the digital image corretatiaxial and hoop
strains fields measured along specimen length adthwere averaged over the specimen gauge
part. An accuracy better than +3:"1i8 expected on mean strain measurements.

Engineering stress was calculated by dividing thi@iaed force by the specimen initial cross-
section. Parameters representative of tensile wsth as yield stress at 0.2% plastic strain,
ultimate stress (maximum stress value measuredglthie test) and uniform elongation (plastic
strain at the maximum stress, corresponding t@tiset of necking in the case of ductile
materials), were determined from engineering stséigsn curves, with the engineering strain
being calculated by dividing the cross-head disptant by the specimen initial gauge length.
The engineering axial strain measured by digitalgencorrelation was used for the evaluation of

"VIC-2D is a trademark of Correlated Solutions,.Inc
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Young’'s modulus. In order to characterize the ditgof the material, the cross-section
reduction at failure was optically measured aftacture of the specimens (observations
performed parallel to the tensile axis) with ancile accuracy of about +8%.
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FIG. 13—Specimen used for axial tensile tests on (priés-materials (dimensions in mm).

Results and discussion

Elasticity—As illustrated in Fig. 14, the value of Young's nos obtained at room
temperature for the non-hydrided prit#-material is consistent with those measured by
Stern et al. [14] by using a resonance method (@yna oung’s modulus) on pridsz, samples
elaborated from a Zircaloy-4 sheet, which are Bntfay close to those reported in [60] and [61]
for the as-received material (no heat-treatmetiiéf, temperature domain before testing). The
results show that the Young’'s modulus of the (p)ip#; phase, hydrogenated or not, decreases
with increasing the temperature between 20 and@0DRe evolution as a function of
temperature is not very different from those prestidy the correlations given in [60] and [61]
for the as-received material.

Taking into account the uncertainty on measurememdsthe significant scattering of results,
no significant effect of hydrogen up to about 3®@{mpm is evidenced whatever the
temperature. Yamanaka et al. [70] observed tha¥theng’s modulus between 20 and 500°C of
pureaz charged in hydrogen up to about 250 wt.ppm dees@ith increasing hydrogen
content when hydrogen is in solid solution andligincreases when hydrogen is partially
precipitated under the form of hydrides. The oxygentent of the hydrogenated samples is a
few hundreds of wt.ppm higher than that of theexived material (due to oxygen absorption
during hydrogen charging). However, oxygen doeshawt a significant effect on elastic
properties within this concentration range [7][1@kide andz(O) layers grow during the heat-
treatment in air up to th&, temperature domain, applied before mechanicahtesthese
phases, which are probably not already crackegedbéginning of the tensile test, have Young's
moduli higher than the (priorf),; phase [7][14][60]. However, these layers are nebdy thin
(about 5-10 um so that the cumulated thicknesbesfe layers is around 5% of the cladding
wall-thickness) and their contribution to the measiuYoung’'s modulus is expected to be within
experimental uncertainty.
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FIG. 14—Evolution as a function of temperature of the Ydsimgodulus (accuracy of about #10 GPa) of model

(prior-) Bz, materials, non-hydrided or containing between 17 3220 wt.ppm of hydrogen (and at least
0.2 wt.% of oxygen).

Fracture—The non-hydrided model (priory, material is ductile whatever the temperature
upon cooling between 20 and 700°C (Fig. 15 and Ha(. in accordance with Sawatzky [8] or
Stern et al.’ [14] results for example. Plasticngjation and cross-sectional reduction of area at
fracture reach several percents at room temperatdéncrease with increasing temperature.
Reduction of area at failure is nearly 100% at T00Phe values of plastic elongation at failure
are consistent with those obtained by Stern ¢14].from tensile tests performed between 20
and 260°C on model non-hydrided prii%-sheet specimens with a gauge part of the same size
as the cladding specimens tested in the preset.shs shown in Fig. 15 and Fig. 16, the model
(prior-) Bz- material is embrittled by hydrogen contents of 8000 wt.ppm for a given
temperature below 500°C. The material becomes reagpically brittle at 135°C and below for
an average hydrogen content of about 2000 wt.pahaaB850-400°C for a content of about
3000 wt.ppm. At 20 and 135°C, maximum stress airaiof the hydrided material, brittle
macroscopically, decreases with increasing thedgeir content within the 2000-3000 wt.ppm
range (Fig. 17(b)). Stress at failure is about BBa in the more brittle case tested (sample with
3210 wt.ppm of hydrogen tested at room temperature)
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FIG. 15—Examples of engineering stress-strain (deduced fmres-head displacement) curves obtained (a) &t 13
and 350°C and (b) at 500 and 700°C for model (p)igs, materials, non-hydrided or containing between 1zh€
3220 wt.ppm of hydrogen (and at least 0.2 wt.%xgfjen).

The effect of hydrogen on macroscopic ductility ohishes when the temperature increases
(Fig. 16). It becomes negligible beyond 500°C. Thess-sectional reduction at failure is nearly
100% at 580 and 700°C even for the highest hydragetents investigated. Thus, according to
these results, the macroscopic failure mode ofrtbdel (prior-)Bz material undergoes a
ductile-to-brittle transition as the hydrogen caontis increased and the temperature is decreased.
This is illustrated in Fig. 18 where the matersatonsidered to be brittle, nearly brittle and
ductile when the plastic strain at failure is lowlein 0.005, between 0.005 and 0.01 and higher
than 0.01, respectively. This figure also includat from the literature (their characteristics are
given in Table 4). Results reported by Stuckedlef62] and Pshenichnikov et al. [38] suggest
that the prioBz material is ductile at room temperature even farbgen contents as high as
3000 wt.ppm. This difference compared to the presesults or to those published by
Brachet et al. [3], which showed that the pifigrmaterial with about 600 wt.ppm of hydrogen is
almost brittle at room temperature, may be at Ipagty due to a difference in the cooling
scenario: cooling down from 800-927°C in air atmo@mperature with an initial rate of about
5°Cl/s for Stuckert et al. [62] and Pshenichnikoalef38], cooling rate varying between about 5
and 1°C/s from 1200°C down to 500°C and slowerweiothe present case, direct water
guenching from 1000°C for Brachet et al. [3]. Indlei€ has been shown for Zircaloy-4 pre-
hydrided at about 600 wt.ppm and oxidized at 1200E the post-quench hardening and
macroscopic ductility at room temperature strordgpend on the partitioning of oxygen and
hydrogen that occurs upon cooling during ftheto o, allotropic phase transformation and are
directly related to the cooling rate during thensformation [64]. Typically, an increase in
cooling rate during thpz to oz phase transformation induces an increase in thataat prior-

Bz hardening and an associated decrease in macroshagility. Furthermore, the differences
between the present results and those report@8]rapd [62] may be attributed to the slightly
higher oxygen content of the materials tested Haesto oxygen absorption and diffusion during
hydrogen-charging and heat-treatment inffh¢éemperature domain before tensile testing.
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TABLE 4—Data from the literature on the mechanical behawbZircaloy-4, pre-hydrided or not, heat-treated i

the S, temperat

ure domain, illustrated in Fig. 18.

Reference

Material

Cooling from tifte,
temperature domain

Mechanical testing after
cooling

Brachet et al. [3]

Cladding tube, pre-
hydrided up to about

Water quenching from
1000°C

Impact, ring compression
and 3 point bending tests
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600 wt.ppm or not at 20 and 135°C

Stern et al. [14] Sheet, non-hydrided Water quergfiiom Tensile tests between -100
1200 or 1300°C and 260°C
Cabrera [63] Sheet, pre-hydrided up to Water quenching from Tensile tests at 20 and
about 600 wt.ppm or not 1200 or 1300°C 135°C
Stuckert et al. [62] Cladding tube, pre- Cooling down from 800 or Ring compression and
hydrided up to 900°C in air at room axial tensile tests at 20°C
2800 wt.ppm temperature with an initial
rate of about 5°C/s
Pshenichnikov et al. [38] Cladding tube, pre- Cooling down from 827 or Axial tensile tests 20°C
hydrided up to 927°C in air at room
10000 wt.ppm temperature with an initial

rate of about 5°C/s

700 ¢ < 3 g
600 o
500 S O & < This study
OBrachet et al. (2008)
400 S @ X Stern et al. (2009)
O SO ¢ ¢ | =Cabrera (2012)
o O Stuckert et al. (2010)

APshenichnikov et al. (2015)

Open symbols: ductile
0y . Grey solid symbols: nearly brittle

Black solid symbols: brittle
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FIG. 18—Ductile or brittle fracture modes of the (prio), phase as a function of temperature and mean hyirog
content; data from this study and from Brachetlef3], Stern et al. [14], Cabrera [63], Stuckert al. [62] and
Pshenichnikov et al. [38] (features given in TaB)e

Fracture surface of brittle samples (hydrogen-cb@dngaterials tested at low temperature) is
macroscopically perpendicular to the principal logddirection. After testing at 20 and 135°C,
topography of the fracture surface of the matewdh a mean hydrogen content of about
2000 wt.ppm appears to be a little bit rougher timathe case of the material containing about
3000 wt.ppm of hydrogen. This slight difference n@y due to a higher volume fraction of
proeutectoichz, phase in the case of the lowest hydrogen cordsrajready discussed before in
the paragraph dealing with the microstructure af thodel materials right after hydrogen
charging. Fracture surface of ductile specimensibésh a rough topography and is
macroscopically slanted in most cases. In the ndbstile cases, above 500°C typically,
macroscale fracture occurs mainly by through-thégenecking. Multiple cracking of the oxide
layers (cracks perpendicular to the tensile dioegtwas observed at the surface of the samples
that failed after significant plastic deformatiargck density is higher near the sample fracture
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surface, where axial strains and stresses wereshidire to necking). No macroscopic cracks
were observed at the oxide surface on the brighepdes that failed in the elastic regime.

Observation by SEM of the fracture surfaces shiwvasthe thin oxide and;(O) layers at
samples surfaces fail in a brittle manner at leastemperatures up to 500°C (the fracture mode
at 700°C was not clearly identified), in accordanat the results presented in the previous
section of this paper dedicated to the behawidO©) phase. As illustrated in Fig. 19(a), SEM
examination reveals the presence of dimples offrélogure surface of the non-hydrided model
(prior-) Bz material for all the tested temperatures betwé&earzl 700°C (the non-hydrided
material is fully transformed into the, (prior-z) phase at these temperatures).

(b) 2000 wt.ppm of hydrogen, test at 135°C,
macroscopically nearly brittle

(a) non-hydrided, test at 135°C, macroscopicallgtitiel

(c) 2875 wt.ppm of hydrogen, test at 135°C, (d) 3000 wt.ppm of hydrogen, test at 500°C,
macroscopically brittle macroscopically ductile

FIG. 19—SEM micrographs of the fracture surfaces of mogeb(-) gz, samples, non-hydrided or containing 2000
to 3000 wt.ppm of hydrogen (and at least 0.2 wif%xggen), fractured at 135 and 500°C.

At 500°C and below, the material highly chargedyarogen is constituted of a mixture of
oxygen enriched and hydrogen depleted zones (prcteid oz, phase) and hydrogen enriched
zones ¢z phase appeared below the eutectoid temperatueatufeés of brittle fracture are
observed at the microscale on the fracture suidtiee hydrogen-charged materials that show a
brittle behavior macroscopically, but zones of deactracture are also detected between the
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brittle fracture zonesF(g. 19(b) and (c)). The lower the fraction of these dectiones, the more
the material is brittle macroscopically. During tog and Bz to az phase transformation, a
partitioning of chemical elements and in particlddhydrogen and oxygen occurs betwéen
andoy, (priorz) phases, resulting in chemical fluctuations atrtheroscale: typically, the first
regions to transform during cooling intg, phase are depleted in hydrogen and enriched in
oxygen and the last transformed zones are enrichégdrogen and depleted in oxygen. This
partitioning depends on the mean hydrogen and oxygmtents and the cooling scenario
[64][67]. As a consequence, as already suggestgiijrfor the oxygen-charged prifi: phase
and in [66] for the hydrogen-charged pr#-phase, it seems that the fracture of the model
prior-Bz phase elaborated from Zircaloy-4 charged in hyeinogp to more than 2000 wt.ppm in
average (and slightly enriched in oxygen) initiabesa brittle manner in regions enriched in
hydrogen (as a result of chemical elements pantiig during cooling) and that the final fracture
mainly occurs by ductile tearing of the surroundregions depleted in hydrogen. Even if the
underlying mechanisms are not the same, this &aitlobode mixing brittle and ductile fracture at
the microscale has similarities in appearance edltited fracture that may occur for example in
transgranular stress-corrosion cracking condit[68% These observations show that the ductile-
to-brittle transition of the hydrogen-enriched @u#) Bz phase material is not as marked at the
microscale as at the macroscale, as also obsegv&debn et al. [14] for oxygen-charged prior-
Bz phase.

No “macroscopic” hydrides could be clearly detedtgdptical or scanning electron
microscopy after testing. However, recent resuitsasthat hydrogen precipitates in the form of
fine intergranulab andy zirconium hydrides during cooling from tRe temperature domain
and suggest that a small fraction of hydrogen shperhain in solid solution within the,
matrix [38][65][66]. Deeper analyses should be parfed to determine the exact location,
morphology and orientation of hydrides. The mecéasi responsible for the observed
hydrogen-induced embrittlement are still not cheaentified and require further investigation.
An overview on potential hydrogen-induced embnitiéant mechanisms (hydride fracture,
hydrogen-enhanced decohesion, hydrogen-enhancalizeat plasticity, adsorption-induced
dislocation emission and hydrogen-vacancy intesas)i was made in [71]. By taking into
account the work of Yamanaka et al. [69][70], Pstlemkov et al. [66] have suggested that
hydrogen-induced embrittlement in highly hydrogemiehed material is due to a decohesion
mechanism, related to a decrease in the presergaaigen atoms of the strength of the bonds
between Zr atoms.

After testing at 500°C, no significant differendeappearance is detected between the
fracture surfaces of the non-hydrided material #w@dmaterials with about 2000 and
3000 wt.ppm of hydrogen, on which dimples are oleFig. 19(d)). For both non-hydrided
and hydrogen-charged specimens tested at 700°Ca{&80°C for a mean hydrogen content of
about 2000 wt.ppm), a nearly complete reductiotmickness is observed at failure location. In
other words, hydrogen up to contents of about 3@8m has no visible effect on the fracture
mechanisms beyond 500°C. According to recent resfithermodynamic calculations aind
situ neutron diffraction experiments [65], at 500°Cdiogen, for a content of thousands of
wt.ppm, is still expected to be partially precipéé in the form o hydrides. The absence of
significant embrittlement effect of hydrogen asttemperature may be due to a lower fraction of
precipitated hydrogen, a higher ductility of hyesdand/or a reduction of the potential
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weakening effect of hydrogen on the interatomicdsofinydrogen-enhanced decohesion). The
material containing 2000-3000 wt. ppm of hydrogeaverage is expected to be constituted of
Bz phase (with potentially a small fraction of prastbidaz, phase) at 700°C and of a mixture
of proeutectoidiz phase (depleted in hydrogen and enriched in oXyaedf phase (enriched
in hydrogen and depleted in oxygen) at 580°C (ibkdst the hydrogen content, the lowest the
fraction of proeutectoidz phase). Beyond the eutectoid temperature (aro668®, hydrogen

is fully dissolved in the Zr lattice and therefdrres not surprising that hydrogen, only present in
solute, has no significant embrittlement effecd&® and 700°C.

Plasticity—As shown in Fig. 15 and Fig. 17, flow stress of nlo@-hydrided prioi3z phase
decreases with increasing the temperature betw@an@ 700°C. The limited amount of oxygen
that potentially diffused into the material durithge heat-treatment at HT before tensile testing
has probably a slight strengthening effect [60}tfs@rmore, it cannot be excluded that the thin
oxide anduz(O) layers at samples surfaces slightly contritboténe samples global mechanical
response at the beginning of plastic regime. Tteegaof ultimate stress are relatively close to
those obtained by Sawatzky [8] from hoop tensigstperformed at a strain rate of about 3-10
% s* on non-hydrided Zircaloy-2 cladding specimens tiestted in the;, temperature domain
and cooled at 20°C/s down to 850°C and then quid&em to room temperature. The values of
ultimate stress obtained at 20 and 135°C are sognifly lower than those reported by Stern et
al. [14] for non-hydrided priopz, samples elaborated from a Zircaloy-4 sheet tasteer
tension with a strain rate of about 571", This last strain rate is 200 times slower thandhe
applied during the tests of the present study amhat explain the differences in ultimate
stresses (the flow stress is expected to decrefiselecreasing the strain rate, as a result of
viscoplasticity). These differences in ultimateesies could be explained by the faster cooling
rate applied in [14] in comparison to the preséud after the incursion in thf, temperature
domain, resulting in a finer microstructure (andhags a more pronounced “martensitic-type”
microstructure) with a higher mechanical resistance

Comparison of the results obtained for the non-lagdt priorfz phase material and the
material containing between about 1700 and 3200pnt.of hydrogen reveals at temperatures of
500°C and below an increase of the flow stress imtheasing the hydrogen content when the
material is macroscopically ductileq. for temperatures higher than 135°C and 350-400fC f
mean hydrogen contents of about 2000 wt.ppm an@ 8@@pm, respectively) (Fig. 17). For
example, at 350°C, the ultimate stress increases &out 320 MPa for the non-hydrided
material to about 450 MPa for the material contagrabout 2000 wt.ppm of hydrogen, which
corresponds to a relative increase of about 20%6. §irengthening effect diminishes when
temperature increases. Due to oxygen absorptianglbydrogen-charging, the oxygen content
is higher of about 0.07 wt.% in the hydrided sarmmplan in the non-hydrided material.
According to the model proposed in [60], an inceeas0.07 wt.% of the oxygen content
induces, for a given plastic strain, a relativeéase of about 9% of the flow stress for
temperatures between 20 and 700°C. Thereforenibeaonsidered that hydrogen has definitely
a strengthening effect at 400°C and below. This egreement with the results of
Pshenichnikov et al. [38] that show an increas&ri@ngth (and a decrease in ductility) of the
prior-Bz phase (elaborated from Zircaloy-4) at room temjpeeawhen increasing the hydrogen
content up to several hundreds of wt.ppm. Hydragsao induces hardening of the prigy-
phase at room temperature [3][33][38]. The increasaechanical resistance of the prfi¢-
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phase in the presence of high hydrogen conte®8@QC and below can be related to the
particular microstructure of the material. The matecan be seen as a complex micro-composite
material made of a mixture of proeutectag (prior-8z) phase, enriched in oxygen and depleted
in hydrogen, and priopz, phase transformed below the eutectoid temperatlightly depleted

in oxygen but containing a very large amount ofrogen, expected to be, at least partially,
precipitated under the form of hardener nano-hydrid

At 700°C, the material containing 1700 to 3000 wtpof hydrogen has a lower flow stress
than the non-hydrided material. At this tempergtatehydrogen is in solid solution in the
zirconium matrix, expected to be mainly in fh¢ phase (with potentially a little fraction of
proeutectoidiz phase), whereas the non-hydrided material isamth(prior-8z) phase. This
lower flow stress at 700°C in the presence of igtirogen content is likely due to a high
volume fraction o3z, phase, which is known to have a lower mechanesbtance at HT than
theaz (priorf§z) phase (and potentially, to a lesser extent, aedse of the Zr-Zr bond order
caused by solute hydrogen [70], a decrease ofitih@cdtion pinning caused by interstitial atoms
and/or the enhancement of dislocation mobility J4A] softening effect of hydrogen in solid
solution, as well as a strengthening effect of ldeh, was also reported for Zircaloy-4 in the
phase tested between 20 and 480°C [72][73].

No significant effect of temperature or hydrogersweaidenced on average values of ratios of
axial to hoop plastic strain increments measuredigiyal image correlation within the specimen
gauge part before necking. The measured ratiosariar from -0.5, characteristic of an
isotropic plastic behavior. No significant effeé¢thydrogen for contents up to 1200 wt.ppm was
observed either between 20 and 480°C for Zircalayttheaz phase (without previoyk, heat-
treatment) [73][74].

As illustrated in Fig. 20, uniform plastic straihtbe non-hydrided priofz, phase does not
evolve significantly between 20 and 135°C theneases with increasing the temperature
between 135 and 500°C, in accordance with thetseseported in [14] for non-hydrided prior-
Bz specimens (elaborated from a Zircaloy-4 sheet) ditnensions equivalent to those of the
specimens tested in the present study. This evolati uniform elongation as a function of
temperature is different from the decreasing teogehserved for as-received Zircaloy-4, in the
azr phase [61][73]. Uniform elongation of the non-hged priorfz phase is lower at 700°C
than at 500°C. Hydrided samples with about 200ppm. and 3000 wt.ppm of hydrogen in
average fail without necking at temperatures lothhan 350°C and 500°C respectively (Fig. 15).
When failure occurs after necking, uniform plasti@in is significantly lower for the material
with about 2000-3000 wt.ppm of hydrogen than fer tlon-hydrided material (Fig. 20). At
700°C, necking of the highly hydrided materials ifmhaor fully in the form ofpz phase at this
temperature) occurs at the very beginning of maoqis plasticity, for a plastic strain level
lower than 0.01. In other words, plastic strairalazation is enhanced in the presence of high
hydrogen contents (when the material can withstaguificant plastic strain before failure).
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FIG. 20—Evolution as a function of temperature of the umf@longation (plastic strain at the maximum stress

when failure occurs after necking) obtained for rldgrior-) -, materials, non-hydrided or containing between
1710 and 3220 wt.ppm of hydrogen (and at least\®.% of oxygen).

Partial conclusion

Model materials homogeneously enriched in hydrageararious contents between 1700 and
3200 wt. ppm were elaborated from Zircaloy-4 claddiubes to investigate the effects of high
hydrogen contents on the mechanical behavior ofgher-) Bz phase. These materials have
been submitted to axial tensile tests in air aiover temperatures between 20 and 700°C, upon
cooling from theBz temperature domain. Mechanical strength and dyadf the model (prior-)
Bz phase material are shown to be affected by higihdgen contents in ways that strongly
depend on temperature. The results have beendatatbe metallurgical evolutions that occur at
HT and upon cooling.

Conclusions

Oxygen and hydrogen are known to be the main paeameesponsible for embrittlement of
zirconium alloys.

Model materials homogeneously enriched in oxygeragbus contents between 2 and
5.8 wt.% were elaborated from M=ladding tubes to investigate the effects of tugigen
contents on the mechanical behavior ofdh€0) phase at HT. Results of axial tensile creep
tests performed under vacuum between 800 and 11€/5® that the creep resistance of the
oxygen-enriched(O) material increases with increasing oxygen aunteis significantly
higher than the creep resistance of the as-recenadrial without additional oxygen. Two creep
regimes are observed: a power-law regime for sgteegjher than 15 MPa and a nearly linear
regime for lower stresses. Mode}(O) materials are ductile between 800 and 11007C fo
oxygen contents between 2 and 3.2 wt.% but becaitike beven at 1100°C, for oxygen
contents higher than 4 wt.%. Deformation and failomechanisms, and influence of
microstructural features of the model oxygen-ergibly,(O) materials (residudlz, phase, grain
morphology, ...), have been analyzed. However, furiinestigation is needed to identify the
mechanisms that drive the linear creep regime gbdeaat low stresses. A model is proposed to
describe the oxygen content dependent viscoplbastiavior of theiz(O) phase. Finite element
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analysis performed by using this model for &#gO) phase layer highlights the strengthening
effect of this layer on the creep behavior of clagdubes oxidized at HT submitted to an
internal pressure at HT. These data could alsd beeyest regarding the behavior of the
oxidized cladding, which depends on the propedfesach phase/layer, during the oxidation at
HT and the subsequent cooling and quenching arileof a LOCA-like transient.

The mechanical behavior of the (prioBz) phase highly enriched in hydrogen was
investigated through axial tensile tests perforineair at various temperatures between 20 and
700°C, upon cooling from th&,, temperature domain, on model (prids;) phase materials
elaborated from Zircaloy-4 cladding tubes, homoges# enriched in hydrogen at various
contents between about 1700 and 3200 wt. ppm. Tmd’s modulus of the (priorf, phase
decreases with increasing temperature and is nobh@ffected by hydrogen. Ductility of the
model (prior-)Bz phase material increases with increasing tempexafine material is
embrittled by hydrogen for temperatures below 500¢6ecomes macroscopically brittle at
135°C and below for an average hydrogen conteabotit 2000 wt.ppm and at 350-400°C for
about 3000 wt.ppm of hydrogen. The effect of hyeérogn macroscopic ductility diminishes
when temperature increases and becomes negliggtend 500°C. When the behavior is
macroscopically ductile, the flow stress of thedp) pz phase containing between 1700 and
3200 wt.ppm of hydrogen is higher than the onénefrton-hydrided material at 500°C and
below, and lower at 700°C. Plastic isotropy is suthstantially modified by hydrogen. Plastic
strain localization occurs sooner in the highly figeld material, when significant plastic strain
occurs before failure. The results are relatethéocomplex (temperature and mean hydrogen
content dependent) microstructure of the highlyrloetl (prior-)pz. phase material, resulting
from segregation of hydrogen and other chemicahetds, phase transformations beyond and
below the eutectoid temperatures and hydride pitatign. These data could be useful to assess
the mechanical response, during and after quendtitige end of a LOCA transient, of the
(prior-) Bz phase in the regions of a ballooned/burst cladthaghave experienced a significant
secondary hydriding during HT steam oxidizationwdwger, further work has to be done to
determine the underlying mechanisms responsiblthtoeffects of high hydrogen contents on
the mechanical behavior of the (prios)} phase.

The results presented in this paper were obtainedadel oxygen-enrichad(O) phase and
hydrogen-enriched (priorf)zr phase materials respectively elaborated fron®Mbd Zircaloy-4
cladding tubes. The conclusions are not necessiirdgtly applicable to other alloys.
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Figure captions

FIG. 1—Optical micrographs of transverse cross-sectionsreép tested mode};(O) samples
containing in average (a) 2 wt.% and (b) 4.3 wt.p@xygen (outer surface on the left); DR:
radial direction; DA: tube axis; DT: circumferentidirection.

FIG. 2—Oxygen and niobium concentration profiles (EPMA)as the thickness of model
az(O) samples containing in average (a) 2 wt.% and (B)wt.% of oxygen.

FIG. 3—Measured (EPMA) and calculated (Thermocalc + Zims#)oz(O) phase volume
fraction as a function of oxygen content and terapge.

FIG. 4—Pole figures {10.0}, {11.0} and {00.1} recalculatéar a modekz(O) sample
containing 2 wt.% of oxygen in average: (a) surfanalysis by EBSD, (b) volume analysis by
neutron diffraction; DR: radial direction; DT: cinamferential direction.

FIG. 5—Strain rate as a function of stress: experimentthdn modedz(O) samples and
predictions of the viscoplastic flow model presdntethis paper.

FIG. 6—Effect of oxygen on the creep strain rate at 1000A@er 2 and 20 MPa according the
creep law developed fot,(O) in the present study and the laws proposed by Buetal. [10]
and Donaldson and Evans [47] for Zircaloy-2, Kaddetial. [41] and Chow et al. [12] for
Zircaloy-4 and Kaddour et al. [41] for M&.

FIG. 7—Strain rate as a function of the grain size in amwm and its alloys according to creep
models associated with diffusional flow (Coble, &lab-Herring), dislocation-driven and
Harper-Dorn deformation mechanisms at 700°C.

FIG. 8—Evolution of the maximal measured axial strain @owound of fracture strain) as a
function of the oxygen content and test temperattitbeo(O) samples tested under tensile
creep.

FIG. 9—SEM micrographs of the fracture surfacesg{O) samples containing (a) 2 wt.% of
oxygen (right figure: enlarged view inside a dimmead (b) 3.4 wt.% of oxygen (right figure:
enlarged view on a nearly brittle zone) fracturedl@00°C; DR: radial direction; DA: tube
axis; DT: circumferential direction.

FIG. 10—SEM micrographs of the fracture surfaces of (apafO) sample containing 3.4 wt.%
of oxygen fractured at 1100°C (right image: detdiléew of az(O) on the tube external
periphery) and (b) amz(O) sample containing 5.8 wt.% of oxygen fracturedGaaC (right
image: enlarged view of residual zirconia withir tty(O) layer).

FIG. 11—Evolution of the creep strain rate during an intakpressure creep test performed on
a Zircaloy-4 cladding specimen in steam at 11001h w 5 bar internal pressure: experimental
result, prediction of the creep model presentefdir for a non-oxidized cladding and results of
finite element simulations considering two or thiagers.

FIG. 12—a) Optical micrograph of a transverse cross-sattight after hydrogen-charging at
800°C (and cooling at a few °C/min) of a Zircaloga&mple containing about 3200 wt.ppm of
hydrogen (and about 0.2 wt.% of oxygen) and (bjudated (Thermocalc + Zircobase)
evolution of equilibrium phases volume fractionsZwcaloy-4 containing 3000 wt.ppm of
hydrogen (and 0.14 wt.% of oxygen) as a functicremiperature.

FIG. 13—Specimen used for axial tensile tests on (priéf-materials (dimensions in mm).
FIG. 14—Evolution as a function of temperature of the Ydsingodulus (accuracy of about
+10 GPa) of model (prior-pz materials, non-hydrided or containing between 1Zh

3220 wt.ppm of hydrogen (and at least 0.2 wt.%xgten).

FIG. 15—Examples of engineering stress-strain (deduced tmass-head displacement) curves
obtained (a) at 135 and 350°C and (b) at 500 an@°@for model (prior-)3z materials, non-
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hydrided or containing between 1710 and 3220 wt.pphydrogen (and at least 0.2 wt.% of
oxygen).

FIG. 16—Evolution as a function of temperature of (a) thespc elongation at failure and (b)
the reduction of area at fracture (accuracy of ab#fu08) obtained for model (prior{z,
materials, non-hydrided or containing between 1@h@ 3220 wt.ppm of hydrogen (and at least
0.2 wt.% of oxygen).

FIG. 17—Evolution as a function of temperature of (a) thedd/stress at 0.2% plastic strain and
(b) the ultimate (maximum) stress obtained for rh¢atéor-) 2 materials, non-hydrided or
containing between 1710 and 3220 wt.ppm of hydrg¢ged at least 0.2 wt.% of oxygen).

FIG. 18—Ductile or brittle fracture modes of the (priog}, phase as a function of temperature
and mean hydrogen content; data from this studyfeord Brachet et al. [3], Stern et al. [14],
Cabrera [63], Stuckert et al. [62] and Pshenichniket al. [38] (features given in Table 3).

FIG. 19—SEM micrographs of the fracture surfaces of mopeo(-) Sz samples, non-hydrided
or containing 2000 to 3000 wt.ppm of hydrogen (ahkast 0.2 wt.% of oxygen), fractured at
135 and 500°C.

FIG. 20—Evolution as a function of temperature of the umif@longation (plastic strain at the
maximum stress when failure occurs after neckibgdioed for model (prior-§z materials,
non-hydrided or containing between 1710 and 322w of hydrogen (and at least 0.2 wt.%
of oxygen).
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